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Abstract 
The present paper investigates the effect of adding silica nanoparticles to an anhydride-cured 
epoxy polymer in bulk and when used as the matrix of carbon- and glass-fibre reinforced 
composites. The formation of ‘hybrid’ epoxy polymers, containing both silica nanoparticles and 
carboxyl-terminated butadiene-acrylonitrile (CTBN) rubber microparticles, is also discussed. The 
structure/property relationships are considered, with an emphasis on the toughness and the 
toughening mechanisms. The fracture energy of the bulk epoxy polymer was increased from 77 to 
212 J/m2 by the presence of 20 wt.% of silica nanoparticles. The observed toughening 
mechanisms that were operative were (a) plastic shear-yield bands, and (b) debonding of the 
matrix from the silica nanoparticles, followed by plastic void-growth of the epoxy. The largest 
increases in toughness observed were for the ‘hybrid’ materials. Here a maximum fracture energy 
of 965 J/m2 was measured for a ‘hybrid’ epoxy polymer containing 9 wt.% and 15 wt.% of the 
rubber microparticles and silica nanoparticles, respectively. Most noteworthy was the observation 
that these increases in the toughness of the bulk polymers were found to be transferred to the fibre 
composites. Indeed, the interlaminar fracture energies for the fibre-composites materials were 
increased even further by a fibre-bridging toughening mechanism. The present work also extends 
an existing model to predict the toughening effect of the nanoparticles in a thermoset polymer. 
There was excellent agreement between the predictions and the experimental data for the epoxy 
containing the silica nanoparticles, and for epoxy polymers containing micrometre-sized glass 
particles. The latter, relatively large, glass particles were investigated to establish whether a ‘nano-
effect’, with respect to increasing the toughness of the epoxy bulk polymers, did indeed exist. 
 
 
Keywords: 
Epoxy polymers; Fibre composites; Fracture energy; Nanoparticles; Toughening mechanisms. 
 
 
* Corresponding authors:  
A.C. Taylor:  Tel: +44 20 7594 7149, Fax: +44 20 7594 7017, email: a.c.taylor@imperial.ac.uk 
A.J. Kinloch: Tel: +44 20 7594 7000, Fax: +44 20 7594 7238, email: a.kinloch@imperial.ac.uk 
 
  
2 
1. Introduction 
Adhesives and fibre-composite materials are commonly based on epoxy polymers. Epoxies are 
highly-crosslinked thermosetting polymers, which exhibit good elevated temperature resistance 
and low creep. However, their high crosslink-density causes them to be relatively brittle polymers. 
This limits their application as structural materials, as they have a poor resistance to the initiation 
and growth of cracks. 
 
The addition of a second dispersed particulate-phase can increase the toughness of thermoset 
polymers. This second phase can be of pre-formed particles, or can be initially-soluble in the epoxy 
resin and which then phase-separates during curing to form the particulate phase. The pre-formed 
particles that are used can be ceramic particles (e.g. glass [1-2], alumina [3], or silica [4]), metal 
particles (e.g. aluminium [4]), polymer particles (e.g. polyetheretherketone [5] or 
polytetrafluoroethylene [6]), or core-shell rubber particles [7-8]. For the phase-separable 
tougheners, both rubbers (e.g. carboxyl-terminated butadiene-acrylonitrile [9-11]) and 
thermoplastics (e.g. poly(ether sulfone) [12-13], poly(ether imide) [14] or polystyrene [15]) have 
been used. All of these types of second-phase materials have been shown to be capable of 
increasing the toughness of epoxy polymers, although the increment of toughness increase 
observed is dependent on the toughener used, its concentration and its particle size. It should be 
noted that the toughening effect is also dependent on the properties of the epoxy itself, as some 
epoxies are more toughenable than others. Indeed, it has been clearly established [16-18] that 
epoxy polymers with a relatively high molecular-weight between crosslinks are more readily 
toughened by the presence of such a dispersed particulate phase than those with a relatively high 
crosslink-density. 
 
These toughened epoxies can be used as structural adhesives, and as the matrices for fibre 
composites. Phase-separable tougheners are commonly used with fibre composites, e.g. [19-20]. 
However, the addition of these tougheners or pre-formed particles in the concentrations required to 
enhance sufficiently the toughness can significantly increase the viscosity of the matrix resin. This 
has the potential to be a major problem, as industry is now focussing on low-cost infusion 
processes for the manufacture of fibre-composite components. Further, in such processes the use 
of conventional pre-formed particles has also been limited, because their particle diameter is 
typically larger than the inter-fibre spacing, and hence the particles are filtered out during infusion. 
Recently the availability of nanoparticles, defined as particles less than 100 nm in diameter, has 
enabled this latter problem to be overcome as they will flow between the fibres during infusion, e.g. 
[21]. 
 
Previous work using silica nanoparticles has shown that they can increase the toughness of epoxy 
polymers, and also increase their cyclic-fatigue performance [22-23]. The toughening mechanisms 
have been previously reviewed and identified [24]. However, with such tougheners the measured 
increases in the fracture toughness are relatively small compared to those that can be achieved 
using phase-separable rubbers, e.g. [11]. Notwithstanding, in the case of fibre-composites, often a 
relatively small increase in the toughness is all that is needed to ensure the successful application 
of the composite material. Since, (a) a small increase in the matrix toughness may be sufficient to 
stop microcracking during manufacture of the fibre-composite component, and/or (b) other 
toughening mechanisms such as fibre-bridging may also enhance the toughness of the fibre-
composite compared to that of the bulk polymer matrix. Finally, and most noteworthy, the 
combination of a phase-separable rubber (with a resulting particle diameter of the order of 
micrometres) together with the silica nanoparticles, to give a ‘hybrid’ toughened epoxy, has been 
shown to give a synergistic toughening effect, i.e. the measured fracture energy is greater than the 
sum of the individual toughening effects from the two types of particle [25]. Thus, these ‘hybrid’ 
epoxy polymers may indeed possess a very high level of toughness. 
 
The present paper investigates the role of silica nanoparticles in an anhydride-cured epoxy 
polymer in bulk and when used as the matrix of carbon- and glass-fibre reinforced composites. The 
formation of ‘hybrid’ materials, using a carboxyl-terminated butadiene-acrylonitrile rubber 
toughener together with the silica nanoparticles, is also discussed. The structure/property 
relationships are considered, with an emphasis on the toughness and the toughening mechanisms. 
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The present work also extends the model proposed recently by Johnsen et al [24] to predict the 
toughening effect of nanoparticles in a thermoset matrix.  
 
 
2. Experimental 
2.1 Bulk Materials 
The materials were based upon a single-component hot-cured epoxy formulation. The epoxy resin 
was a standard diglycidyl ether of bis-phenol A (DGEBA) with an epoxide equivalent weight (EEW) 
of 185 g/eq, ‘LY556’ supplied by Huntsman, UK. The reactive liquid carboxyl-terminated butadiene-
acrylonitrile (CTBN) rubber (which gives rise to micrometre-sized particles upon curing) was 
obtained as a CTBN-epoxy adduct with a rubber concentration of 40 wt.% in a DGEBA epoxy 
resin, namely ‘Albipox 1000’ (EEW = 330 g/eq) from Nanoresins, Germany. The silica (SiO2) 
nanoparticles were obtained at a concentration of 40 wt.% in a  DGEBA epoxy resin (EEW = 295 
g/eq) as ‘Nanopox F400’ from Nanoresins. The curing agent was an accelerated 
methylhexahydrophthalic acid anhydride, ‘Albidur HE 600’ (AEW = 170 g/eq), also supplied by 
Nanoresins.  
 
The DGEBA epoxy resin was mixed with the epoxy containing the silica nanoparticles and/or the 
CTBN-epoxy adduct to give the required levels of silica nanoparticle and/or rubber modification. A 
stoichiometric amount of the curing agent was added to the mixture, which was stirred thoroughly 
and degassed at 50°C and -1 atm. The resin mixture was then poured into a release-agent coated 
steel mould to produce plates from which bulk specimens could be machined. The specimen plates 
were cured at 90°C for 1 hour and then post-cured at 160°C for 2 hours. 
 
Different types of bulk epoxy polymer formulations were prepared viz., unmodified epoxy (i.e. the 
‘control’), epoxy with silica nanoparticles (termed ‘xN’), epoxy with rubber microparticles (termed 
‘yR’) and a ‘hybrid’ epoxy containing both silica nanoparticles and rubber microparticles and 
(termed ‘xNyR’), where x and y refer to the amount of modifier by percentage weight of the total 
formulation.  
 
2.2 Composite Laminates 
The modified matrices were infused into the fibre-reinforced composite systems; and both glass-
fibre reinforced-polymer (GFRP) and carbon-fibre reinforced-polymer (CFRP) composites were 
studied.  
 
Unidirectional and quasi-isotropic GFRP panels were manufactured using a resin infusion under 
flexible tooling (RIFT) method. Unidirectional (UD) GFRP composites were produced using ‘UT-
E500’ from SP Systems, UK, to produce 12 ply, 6 mm thick composites with a 
poly(tetrafluoroethylene) (PTFE) insert placed in the mid-plane to initiate a starter crack. Quasi-
isotropic (QI) plates, 4 mm thick, were prepared using 8 plies of a biaxial stitched non-crimp fabric, 
‘XE450/1200’ supplied by SP Systems, UK. These were laid up in a balanced symmetric lay-up to 
give a ‘0/0’ interface across the fracture plane. To increase the stiffness of the plate, the quasi-
isotropic plates were backed with unidirectional carbon-fibre in the axial plane. A natural pre-crack 
was again initiated via a PTFE insert film.  
 
The CFRP panels were manufactured from a woven-fabric mat using a vacuum-assisted resin 
transfer moulding (VARTM) method. These were produced by stacking a linen-weave ‘0/90’ fabric 
mat supplied by Lange-Ritter, Germany, again with the addition of a PTFE insert to initiate the 
starter crack. The composite panels were cured under the same cure regime as the bulk epoxy 
polymer. 
 
The fibre volume fraction of the laminates was measured. For the CFRP, acid digestion was used 
in accordance to BS EN 2564 [26]. The mean fibre-volume fraction was 27%, and a typical 
coefficient of variation of ±3% was calculated. For the unidirectional GFRP composites, polished 
cross-sections were prepared and the area fraction of the fibres was calculated. The mean fibre 
volume fraction of the composites was calculated to be 59%, with a coefficient of variation of ±3%. 
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Similarly, the volume fraction of the quasi-isotropic GFRP laminates was found to be 57%, with a 
coefficient of variation of ±4%. 
 
2.3 Microstructure and Thermal Studies 
Atomic force microscopy (AFM) studies were undertaken using a MultiMode scanning probe 
microscope from Veeco equipped with a NanoScope IV controlled J-scanner. A smooth surface 
was first prepared by cutting samples using a PowerTome XL cryo-ultramicrotome from RMC 
Products at temperatures down to -100°C. Then scans were performed in the tapping mode using 
a silicon probe with a 5 nm tip, and both height and phase images were recorded. 
 
Transmission electron microscopy (TEM) was also performed. Cryo-ultramicrotomy at a 
temperature of -65°C was used to prepare slices of between 60-100 nm in thickness for the TEM 
studies. These slices were placed on a carbon-filmed copper grid, and viewed using a JEOL JEM-
2000FX II transmission electron microscope at an accelerating voltage of 200kV. The samples 
containing CTBN were stained with a solution of 2 wt.% osmium tetroxide in equal volumes of 
water and tetrahydrofuran to improve the contrast of the rubber particles [10].  
 
Dynamic mechanical thermal analysis (DMTA) was performed using 48×3×2 mm specimens in 
three-point bending mode at 1 Hz. The storage modulus, loss modulus and loss factor, tan δ, were 
calculated as a function of temperature for the range 40 to 175°C. The glass transition 
temperature, Tg, was determined as the maximum stationary point of the tan δ versus temperature 
curve. 
 
2.4 Basic Mechanical Studies 
Tensile tests were conducted on the bulk polymers in accordance with ISO 527 [27]. Tensile 
dumbbells were machined from the bulk plates and were tested at a displacement rate of 1 
mm/min. The displacement in the gauge length was measured using an extensometer, and the 
Young’s Modulus, E, was calculated. 
 
Plane-strain compression tests were conducted to obtain the yield stress and fracture strain, as 
described by Williams and Ford [28]. Tests were conducted using 3×60×40 mm specimens loaded 
in compression between two parallel, 12 mm wide, platens. Tests were conducted at a constant 
displacement rate of 0.1 mm/min, and the results were corrected for the compliance of the machine 
and test rig. 
 
2.5 Fracture Tests 
Single-edge notch-bend (SENB) tests were conducted using bulk polymer samples to obtain 
values for the initiation fracture energy, GC and fracture toughness, KC. Tests were conducted in 
accordance with ISO 13586 [29]. All specimens were tapped using a cooled razor blade to obtain 
sharp cracks, with crack lengths of the order of a/w = 0.5. The fracture energy was calculated 
using the energy method, and the fracture toughness was calculated using the fracture load. As a 
check, the fracture energy for each material was also calculated from the measured values of KC 
and E; good agreement between the values was found.  
 
The composite mode I fracture energy, GC(composite), at crack initiation was measured using the 
double cantilever beam (DCB) test. The fracture energy was calculated using the ‘corrected beam 
theory’ method in accordance with ASTM D5528 [30] and the specimens were pre-cracked to 
generate a natural crack away from the insert. 
 
2.6 Double-Notched Four-Point Bend Tests 
Double-notched four-point bend (DN4PB) tests have been conducted to understand in detail the 
mechanisms that contribute to the observed differences in fracture toughness. This method has 
been  previously employed very successfully by Sue et al [31-32] and Pearson and Yee [33]. In this 
test, two near-identical natural cracks are produced by tapping a razor blade into each machined-
notch. The specimen is then loaded in four-point bending, resulting in two near-identical stress 
fields at the crack tips. One of the cracks will propagate, but so leave a second crack tip that is 
loaded to a near-critical fracture toughness for that material. The process-zone region directly 
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ahead of this second crack tip can then be examined in detail, using such techniques as polarised 
optical microscopy or transmission electron microscopy. (The calculated fracture toughness from 
these tests can be directly compared to those obtained by SENB tests to ensure that there is a 
fully-developed process zone ahead of the second crack tip.)  
 
 
 
2.7 Fractographic Studies 
The fracture surfaces of the bulk epoxy polymers and the fibre composites were studied using 
scanning electron microscopy. Either a Hitachi S-3400N or a JEOL JSM5300 scanning electron 
microscope (SEM) was used, with typical accelerating voltages of 15 to 20kV. The surfaces were 
sputter-coated with a layer of gold prior to imaging, to reduce charging of the samples.  
 
High-resolution scanning electron-microscopy was performed using an electron microscope 
equipped with a field-emission gun (FEG-SEM); a Carl Zeiss Leo 1525 with a Gemini column was 
used, with a typical accelerating voltage of 5kV. All specimens were coated with an approximately 
5 nm thick layer of chromium before imaging.  
 
For the bulk epoxy polymers, FEG-SEM images have been used to study the debonding and any 
subsequent plastic void growth of the polymer, and to estimate the percentage of silica 
nanoparticles that have debonded and resulted in void growth during the fracture process. FEG-
SEM images were obtained of the process zone and have been analysed for different loadings of 
the silica nanoparticles. To ensure that the appropriate number of silica nanoparticles are included 
in the analysis, the area fraction of such particles has been measured and compared to the known 
volume fraction of the particles. Within experimental error, no differences were recorded. 
 
 
3. Results and Discussion  
3.1 Introduction 
The microstructure of the materials was identified using the results from the microscopy and the 
dynamic mechanical thermal analysis studies. Tensile tests were used to obtain the moduli, and 
the measured values will be compared to predictions from theoretical models. The fracture 
energies of the bulk and composites were also measured.  
 
3.2 The Bulk Polymers  
3.2.1 Microstructure  
Microscopy of the bulk polymers showed that the unmodified epoxy was a homogeneous 
thermoset polymer, see Fig. 1a. A glass transition temperature, Tg, of 153°C was measured using 
dynamic mechanical thermal analysis, see Table 1. When silica nanoparticles only were present, 
no significant agglomeration of the 20 nm diameter particles was observed at any concentration of 
nanoparticles, as illustrated in Fig. 1b. The glass transition temperatures were unchanged, within 
experimental uncertainty, from the value of the unmodified epoxy polymer. Similar results, showing 
no change in Tg due to the addition of silica nanoparticles, have been reported by other authors 
[18, 34]. It should be noted that an increase in the Tg due to the addition of nanoparticles would be 
expected if the interaction between the polymer and the nanoparticles was strong. However, Baller 
et al [34] have shown that the interaction between similar silica nanoparticles and an epoxy matrix 
is relatively weak.  
 
For the rubber-modified epoxy-polymer, the CTBN-adduct forms well-dispersed rubber particles by 
reaction-induced phase-separation. The mean particle diameter was calculated to be 0.54 μm, with 
a standard deviation, σ, of ±0.15 μm. This particle size is within the range that is well documented 
for such materials [10-11]. The decrease in the value of the Tg for the epoxy polymer from 153 to 
150°C, see Table 1, indicates that some of the rubber remains dissolved in the epoxy polymer, as 
this will reduce the Tg of the epoxy phase. The Fox equation [35] can be used to calculate the 
amount of rubber that does not phase-separate into particles from the measured glass transition 
temperatures: 
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Tg
= Wep
Tg,ep + WCTBNTg,CTBN          (1) 
 
where W is the weight fraction, and where the subscripts ep and CTBN represent the epoxy and 
CTBN rubber, respectively. The unmodified epoxy polymer has a Tg of 153 °C, as discussed 
above, and the rubber has a Tg of -50 °C, see Fig. 2 and Kinloch et al [10]. For the material with 
rubber only, the Fox equation indicates that only 0.8 wt.% of the rubber does not phase-separate to 
give microparticles but remains in solution in the epoxy. This value is in very good agreement with 
the volume fraction of rubber particles calculated from image analysis of the AFM micrographs 
[36].  
 
The ‘hybrid’ materials, containing 9 wt.% CTBN-rubber and various concentration of the silica 
nanoparticles, gave glass transition temperatures of between 140 and 149°C, compared to the 
value of 153°C for the unmodified epoxy polymer, see Table 1. This again indicates that not all of 
the rubber phase-separates. The amount of rubber that does not phase-separate into particles was 
calculated using the Fox equation, and values of between 1 and 3.5 wt.% were obtained. Thus, in 
general, more rubber remained dissolved in the ‘hybrid’ epoxy polymer as the silica nanoparticle 
content was increased. The mean rubber particle diameter was calculated to be 0.75 μm, with a 
standard deviation of ±0.2 μm, see Fig. 1d, which is not significantly larger than for the rubber-
modified epoxy. For the ‘hybrid’ materials, the silica nanoparticles appear to cluster into loose 
necklace-like agglomerates of up to 2 μm in length and 0.1 μm in width for the 10N9R ‘hybrid’ 
polymer. This is shown more clearly in the transmission electron micrographs, see Fig. 3 for 
example. Similar necklace-like agglomerates have also been observed by Lee [37], for a room-
temperature curing epoxy system toughened using amine-terminated butadiene acrylonitrile 
(ATBN). As the silica nanoparticle concentration is increased, the necklace-like agglomerate size 
increases. The agglomerates are approximately 3 μm long by 0.5 μm wide for the ‘hybrid’ polymer 
with 15 wt.% silica, and approximately 5 μm long by 1 μm wide for the 20N9R ‘hybrid’ polymer. 
This agglomeration of the silica nanoparticles does not seem to affect the size and shape of the 
rubber particles.  
 
3.2.2 Basic Mechanical Properties 
The values of the Young’s modulus, E, measured using the tensile tests are summarised in Table 
1. A modulus of 2.96 GPa was measured for the unmodified (i.e. control) epoxy polymer. The 
addition of silica nanoparticles increased the modulus as expected, see Fig. 4; since the modulus 
of silica, E = 70 GPa [38-39], is much greater than that of the epoxy polymer. A maximum modulus 
of 3.85 GPa was measured for the polymer containing 20 wt.% of silica nanoparticles, which is an 
increase of about 30% compared to that of the unmodified epoxy polymer. In contrast, of course, 
the presence of the CTBN rubber decreases the modulus, compared to the unmodified polymer, 
i.e. from 2.96 GPa to 2.35 GPa for the ‘0N9R’ epoxy polymer. However, again, an increasing 
concentration of the silica nanoparticles steadily increases the modulus, as may be seen for the 
‘hybrid’ epoxy polymers. 
 
The measured moduli may be compared to theoretical predictions, and there are many models that 
may be used to predict the moduli of such silica-particle modified polymers, see [40-42] for 
example. In the present work the Halpin-Tsai and the Nielsen models will be used, as these are 
considered to be the most applicable for the present systems [24].  
 
The Halpin-Tsai model [42-43] may be used to predict the modulus, E, of a material containing 
silica nanoparticles as a function of (a) the modulus, Eu, of the polymer containing no silica 
nanoparticles, and of (b) the modulus of the particles, Ep. The predicted modulus of the silica-
particle modified epoxy-polymer, E, is given by: 
 
 E = 1+ζηVf
1−ηVf
Eu           (2) 
 
where ζ is the shape factor, Vf is the volume fraction of particles, and:  
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 η = �Ep
Eu
− 1� �Ep
Eu
+ ζ��           (3) 
 
By comparing their predictions with finite-element analysis, Halpin and Kardos [44] suggested that 
a shape factor of ζ = 2w/t should be used, where w/t is the aspect ratio of the particles, when the 
particles are aligned with the loading direction. They recommended using ζ = 2 for the modulus 
perpendicular to the loading direction. For the spherical silica nanoparticles used in the present 
work, the aspect ratio is unity, and hence ζ = 2 will be used. The predictions are compared with the 
experimental data, for both the silica nanoparticle modified polymers and the ‘hybrid’ epoxy 
polymers, in Fig. 4. The measured moduli increase linearly with the volume fraction of silica 
nanoparticles [45] as predicted by the model at low volume fractions, but the measured moduli 
deviate below the predicted values at higher volume fractions.  
 
Considering the Nielsen model, then the basic Lewis-Nielsen model [46], using the work of McGee 
& McCullough [47], gives the modulus, E, of the silica nanoparticle modified epoxy polymer as: 
 
 E = 1+(kE−1)βVf
1−μβVf
Eu          (4) 
 
where kE is the generalised Einstein coefficient, and β and μ are constants. The constant β is given 
by:  
 β = �Ep
Eu
− 1� �Ep
Eu
+ (kE − 1)��         (5) 
 
Note that β is identical to η in the Halpin-Tsai model when a shape factor of ζ = (kE-1) is used. The 
value of μ depends on the maximum volume fraction of particles, Vmax, that can be incorporated 
and can be calculated from: 
 
 μ = 1 + (1−Vf)
Vmax
[VmaxVf + (1 − Vmax)(1− Vf)]       (6) 
 
Values of Vmax have been published by Nielsen and Landel [48] for a range of particle types and 
packing. The micrographs shown in the present work indicate that the silica nanoparticles in the 
epoxy polymer are non-agglomerated and randomly arranged. Nielsen and Landel quote a value of 
Vmax = 0.632 for random close-packed, non-agglomerated spheres, and this value will be used in 
the present modulus predictions. The value of kE varies with the degree of adhesion of the epoxy 
polymer to the particle. For an epoxy polymer with a Poisson’s ratio of 0.5 which contains 
dispersed spherical particles then (a) kE = 2.5 if there is no slippage at the interface, or (b) kE = 1.0 
if there is slippage [48]. However, the value of kE is reduced when the Poisson’s ratio of the 
polymer is less than 0.5 [49]. In the present work ν = 0.35, so the values of kE will be reduced by a 
factor of 0.867. Hence, in the present work, (a) kE = 2.167 if there is no slippage, or (b) kE = 0.867 if 
there is slippage at the interface [48]. The predictions for these two cases are given in Fig. 4, which 
shows that reducing the adhesion of the nanoparticle/epoxy interface reduces the value of the 
predicted modulus. For the ‘no slip’ version of the model, the agreement between the predictions 
and the experimental data is good, especially when the silica nanoparticle content is less than 
about 12 wt.%.  
 
In summary, from Fig. 4, the best agreement is with the Halpin-Tsai and the ‘no-slip’ Nielsen 
models, the predictions from which almost overlay each other. Agglomeration increases the value 
of kE, reduces Vmax and increases the value of β in the Nielsen model. The overall effect of these 
changes is to increase the predicted modulus. However, at the higher volume fractions of silica 
nanoparticles, the measured modulus values increase more slowly, and the agreement with both of 
the models becomes less good.  
 
3.2.3 Toughness 
A fracture energy, GC, of 77 J/m2 was measured for the unmodified epoxy polymer. The fracture 
energy was increased by the addition of silica nanoparticles, and a maximum GC, of 212 J/m2 was 
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measured for the epoxy containing 20 wt.% of silica, as shown in Table 1. (For completeness, the 
measured values of the fracture toughness, KC, are also shown in Table 1, and these data show 
similar trends to the fracture energies. However, the present discussion will concentrate on the 
fracture energies, as these can be most readily modelled and compared with the composite 
fracture data.) Considering the inclusion of the rubber toughener, the value of GC increases to 671 
J/m2 when 9 wt.% of CTBN-adduct is incorporated into the unmodified epoxy polymer, due to the 
toughening mechanisms induced by the presence of the rubber microparticles [10-11, 50].  
 
The fracture energy increases further upon the formation of the ‘hybrid’ materials, which contain 
both the rubber microparticles and silica nanoparticles. Indeed, the toughness of the ‘hybrid’ epoxy 
polymer increases significantly as the concentration of the silica nanoparticles is increased, 
compared to the rubber-toughened epoxy polymer, as shown in Table 1. A maximum GC, of 965 
J/m2 was measured for the ‘hybrid’ epoxy containing 15 wt.% of silica nanoparticles and 9 wt.% of 
rubber. However, when 9 wt.% rubber and 20 wt.% of silica nanoparticles are present, the 
measured fracture energy now decreases. For this ‘hybrid’ epoxy polymer a relatively large amount 
of rubber, i.e. 3.5 wt.% of the 9 wt.% added as calculated using the Fox equation, does not phase-
separate. Notwithstanding, it should be noted there is a trend of steadily decreasing Tg values as 
the silica nanoparticle content is increased, and this observation alone therefore does not account 
for such a large decrease in the fracture energy for this material. However, the AFM studies of the 
microstructure of the 20N9R ‘hybrid’ epoxy polymer showed that the agglomerates of silica 
nanoparticles were much larger than those observed at lower nanoparticle concentrations. The 
structure of these agglomerates was also less necklace-like than was observed at the lower 
contents and in other work [37]. Indeed, transmission electron microscopy showed that these 
agglomerates were breaking-up during microtoming, which was not observed for the other ‘hybrid’ 
polymers, and indicates that the agglomerates are relatively poorly bonded. Hence, it is concluded 
that the presence of these relatively large, and loosely-bonded, silica nanoparticle agglomerates 
leads to the reduction in the measured fracture energy for the 20N9R ‘hybrid’ epoxy polymer.   
 
3.2.4 Fractographic Studies 
The fracture surface of the unmodified epoxy polymer is relatively smooth and glassy, see Fig. 5a, 
which is typical of a brittle thermosetting polymer [6]. This shows that no large-scale plastic 
deformation has occurred during fracture, and agrees well with the relatively low value of the 
measured fracture energy. Feather markings are present, which are visible as steps and changes 
of the level of the crack. These are caused by crack forking due to the excess of energy associated 
with the rapid crack growth that occurs. This repeated forking, and the multi-planar nature of the 
surface, are ways of absorbing excess energy in a very brittle material [51]. 
 
Although the fracture energy was increased by the presence of silica nanoparticles, scanning 
electron microscopy of the fracture surfaces showed no significant differences as compared to the 
unmodified epoxy polymer, as shown in Fig. 5b. Indeed, the fracture surfaces of the epoxy 
polymers containing silica nanoparticles all have a brittle appearance and showed similar crack 
forking and feather markings to that of the unmodified epoxy polymer, see Fig. 5a. Now, the silica 
nanoparticles cannot be seen at the magnification of Fig. 5b due to their small diameter. However, 
high-resolution scanning electron microscopy (i.e. FEG-SEM) of a fracture surface of the epoxy 
containing 15 wt.% of silica nanoparticles clearly showed the presence of voids around the silica 
nanoparticles, as illustrated in Fig. 6. It is also noteworthy that not all of the silica nanoparticles 
appeared to debond to form voids. It should be noted that these voids are not an artefact of the 
coating process, which is used to prevent the sample charging during the electron microscopy 
investigations, as they were not observed on a coated fracture-surface of the unmodified epoxy 
[24]. The appearance of the voids was also independent of which coating material was used. 
Further, the voids were also observed using AFM of uncoated fracture-surfaces [24]. The 
toughening mechanisms for the silica nanoparticle-modified materials will be discussed in more 
detail below.  
 
The addition of 9 wt.% of rubber to the epoxy gives a microstructure of dispersed rubber 
microparticles. Scanning electron microscopy of the fracture surfaces shows that these particles 
cavitate, see Fig. 5c, as has been well-described previously [50, 52-53]. This cavitation process is 
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followed by plastic hole growth of the epoxy polymer, and the mean diameter of the cavitated 
rubber particles was measured to be 1.24 µm, with a coefficient of variation of ±0.46 µm, whereas 
their original mean diameter was approximately 0.54 µm. Compared with the unmodified epoxy 
polymer, i.e. with no dispersed rubber phase, the rubber particles greatly increase the toughness of 
the material, see Table 1, via interactions of the stress field ahead of the crack tip and the rubber 
particles, which leads to greatly enhanced plastic deformation of the epoxy polymer [54-56].  
 
The ‘hybrid’ materials, i.e. those with both rubber microparticles and silica nanoparticles, show 
relatively rough fracture surfaces, as would be expected from their relatively high fracture energies, 
see Table 1. Indeed, Fig. 5d shows evidence of cavitation of the rubber particles, though it is 
difficult to identify the mechanisms associated with the silica nanoparticles due to the roughness of 
the surfaces. However, high-resolution scanning-electron microscopy (FEG-SEM) studies of the 
‘hybrid’ fracture surfaces showed that the silica nanoparticles are present as both individual 
particles and agglomerates [36]. Cavities were observed around some of the silica nanoparticles, 
as was observed for the silica nanoparticle-modified epoxy polymers discussed above. In common 
with the polymers modified with silica nanoparticles only, not all of the silica nanoparticles debond 
from the epoxy in the ‘hybrid’ epoxy polymers.  
 
3.3 The Fibre-Composite Materials 
3.3.1 Toughness 
The measured values of the mode I interlaminar fracture energy, GC(composite), for the onset of 
crack growth for the various fibre-composites are shown in Tables 2 and 3.  
 
For the CFRP composites, the presence of the silica nanoparticles alone, at a concentration of 12 
wt.%, had no significant effect on the interlaminar fracture energy, GC(composite). However, the 
addition of 9 wt.% of rubber alone does lead to an increase in the toughness of the CFRP 
composites from 439 to 1044 J/m2. The further addition of silica nanoparticles to the rubber-
toughened matrix, to form ‘hybrid’ epoxy matrices, gives a further enhancement to the fracture 
energy, with a maximum value of GC(composite) of 1316 J/m2 being recorded. 
 
The quasi-isotropic (QI) GFRP composites showed similar fracture energies to those of the CFRP. 
The addition of silica nanoparticles had little effect on the measured fracture energy. However, the 
rubber-modified composite showed a large increase in GC(composite), to 1035 J/m2. A fracture 
energy of 1263 J/m2 was measured for the QI GFRP composite which employed the ‘hybrid’ epoxy 
matrix.  
 
For the unidirectional (UD) GFRP composites, a fracture energy of 330 J/m2 was measured for the 
unmodified composite (i.e. the ‘control’ material). The addition of 10 wt.% of silica nanoparticles to 
the unmodified epoxy matrix polymer gave a significant toughening effect, and a GC(composite) 
value of 1015 J/m2 was measured. This is an increase of over 200% compared to the control 
composite. The GFRP composite with 9 wt.% of rubber in the epoxy matrix showed a significant 
increase in the fracture energy compared to the unmodified epoxy, a value of 885 J/m2 being 
recorded. The addition of silica nanoparticles to the rubber-toughened epoxy, to give a ‘hybrid’ 
epoxy matrix, gave a fracture energy of 860 J/m2 for the composite material. 
 
Note that the increases in the fracture energy due to the presence of silica nanoparticles or rubber 
microparticles in the epoxy matrix, or the formation of ‘hybrid’ epoxy matrices, are different for the 
different GFRP composites, and also when compared to the CFRP composites. This is due to (a) 
differences in the failure locus, i.e. whether the crack propagated through the composite matrix or 
at the fibre/matrix interface, and (b) the amount of fibre bridging. These aspects are discussed 
below. 
 
3.3.2 Fractographic Studies 
The fracture surface of the CFRP with the unmodified epoxy matrix, see Fig. 7a, shows large areas 
of cohesive failure through the epoxy matrix. There is hardly any visible plastic deformation of the 
epoxy matrix, and the fracture surface is very similar to the fracture surface of the bulk, unmodified, 
epoxy polymer, see Fig. 5a. The micrograph in Fig. 7a shows evidence of good interfacial bonding 
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between the fibres and the polymer, but some fibre debonding and pullout can be observed. 
However, the extent of fibre bridging is relatively limited due to the woven nature of the carbon-
fibre mats that were used. The presence of silica nanoparticles and/or rubber microparticles in the 
epoxy matrix has little effect on the appearance of the fracture surfaces taken at this low 
magnification, as shown in Figs. 7b, c and d. However, at relatively high magnifications, the CFRP 
composite containing 9 wt.% rubber showed evidence of cavitated rubber particles, as a large 
numbers of voids could be readily seen. At such magnifications, the fracture surfaces of the CFRP 
composites based on the ‘hybrid’ epoxy matrix appeared similar to those based upon the rubber-
modified epoxy matrix, in that rubber-particle cavitation was observed.  
 
For the UD GFRP composites, fibre-bridging was observed, and resistance curves (R-curves) were 
recorded. This was especially evident for the nanoparticle-modified composite. However, very little 
fibre bridging was observed for the UD GFRP composite which employed the ‘hybrid’ epoxy matrix.  
 
The fracture surfaces of the QI GFRP composite with the unmodified matrix showed a brittle 
failure, with little visible plastic deformation of the epoxy polymer, see Fig. 8a. The fracture 
surfaces of the QI GFRP composite employing the matrix containing silica nanoparticles also 
exhibited a relatively brittle appearance, as shown in Fig. 8b. However, a relatively large extent of 
fibre bridging was observed, which accounts for the high interlaminar fracture energy values. The 
QI GFRP composite with 9 wt.% of rubber in the epoxy matrix showed a large numbers of voids in 
the matrix, see Fig. 8c. These cavities are up to 2 µm in diameter, revealing that the rubber 
particles have cavitated and this has enabled extensive plastic deformation and void growth of the 
epoxy matrix to occur. The surface of the glass fibres is relatively clean, indicating that the 
adhesion between the matrix and the fibres is relatively poor. When the ‘hybrid’ matrix was 
employed, the composite fracture surfaces, shown in Fig. 8d, again reveal that the rubber particles 
have cavitated and that plastic deformation and void growth of the epoxy matrix has occurred. The 
agglomerated silica nanoparticles are also visible in Fig 8d. The adhesion between the fibres and 
the matrix appears better for the composite based upon the ‘hybrid’ matrix than when the rubber-
only matrix is employed, as a significant amount of epoxy matrix retained adhering to the fibres 
after fracture may be seen in Fig. 8d. 
 
3.4 Composite versus Bulk Toughness 
To investigate whether the increases in the fracture energies of the bulk polymers due to the 
presence of silica nanoparticles and/or rubber microparticles are transferred to the composite, the 
composite fracture energies, GC(composite), may be plotted against the values, GC, for the 
corresponding bulk epoxy polymer, as shown in Fig. 9. Several noteworthy points arise from these 
data. 
 
Firstly, they show that the increased toughness, GC, of the epoxy polymer when used as the matrix 
for the fibre-composite is indeed transferred to give an increased interlaminar fracture energy, 
GC(composite), for the corresponding CFRP or GFRP composite. 
 
Secondly, the composite interlaminar fracture energies, GC(composite), are actually greater than 
the fracture energy, GC, of the corresponding epoxy polymer for all cases, except for one where 
the fracture energies are approximately equal in value. This observation arises since  additional 
toughening mechanisms for the composites, such as fibre debonding, fibre pullout and fibre 
bridging, as discussed above, typically give a further increase in the value of GC(composite) 
compared to the value of GC. Thus, where little fibre bridging and pullout are observed, the 
composite fracture energy would be expected to be approximately equal to that of the epoxy 
polymer. This is in accord with the results shown in Fig. 9 and the above comments with respect to 
the unidirectional (UD) GFRP composite employing the ‘hybrid’ epoxy matrix; where these 
additional composite toughening mechanisms were observed to be absent, and this represents the 
one case where the fracture energies are approximately equal. 
 
Thirdly, the CFRP and quasi-isotropic (QI) GFRP composites generally show higher interlaminar 
fracture energies than the UD GFRP composites, which is probably due to the differences in the 
fibre architecture. Namely, the CFRP used woven fibre-mats, which lead to a relatively thick matrix 
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layer between the fibre plies, and the cross-ply lay-up of the QI GFRP possessed similar resin-rich 
regions in the fracture plane. On the other hand, the UD GFRP possessed a unidirectional lay-up, 
with some stitching to hold the fibres in place, which leads to a thinner and less contiguous matrix 
layer between the fibre plies. In agreement with previous work of Hunston et al [57], the presence 
of the resin-rich matrix layers in the CFRP and QI GFRP would be expected to typically lead to 
these materials possessing higher values of GC(composite) compared to the UD GFRP composite, 
as was indeed observed.  
 
 
4. The Toughening Mechanisms 
4.1 Introduction 
A previous study [24] has considered the toughening mechanisms induced by the silica 
nanoparticles in detail. The toughening mechanisms of (a) crack pinning, (b) crack deflection, and 
(c) immobilised polymer around the particles were all discounted. Instead, the ability of the silica 
nanoparticles to induce an increased extent of plastic deformation of the epoxy polymer was 
identified as the dominant toughening mechanism. The results of the present study are in complete 
agreement with this earlier work, and the two types of plastic deformation mechanisms in the 
epoxy polymer have been confirmed. These are (a) localised shear-bands initiated by the stress 
concentrations around the periphery of the silica nanoparticles, and (b) debonding of the silica 
nanoparticles followed by subsequent plastic void growth of the epoxy polymer. These two 
deformation mechanisms, both of which involve the epoxy polymer undergoing localised plastic 
deformation as a result of the silica nanoparticles being present in a ‘process’ or ‘plastic’ zone 
ahead of the crack tip, are discussed qualitatively below, and a quantitative model is then proposed 
in Section 5.  
 
4.2 The Shear-Banding Mechanism 
An optical micrograph, taken between crossed polarisers, of an epoxy containing 11 wt.% of silica 
nanoparticles is shown in Fig. 10b. For clarity this is taken at the edge of the sample under plane-
stress conditions, as the plastic zone under plane-strain conditions was too small to image 
satisfactorily. The corresponding conventional transmission optical-micrograph is shown in Fig. 
10a. This excellent technique to obtain such micrographs was devised by Pearson and Yee [58] in 
order to help identify mechanisms occurring at crack tips. Fig. 10 shows clearly the plastic 
deformation that has occurred in the epoxy polymer immediately ahead of the crack tip. This 
micrograph is very similar to those shown by previous authors [33, 55, 59-60] for dispersed rubber 
microparticles in an epoxy polymer, but these particles were of the size of micrometres, as 
opposed to the present silica nanoparticles which have a radius of 10 nm. The birefringence of the 
plastically-deformed polymer in the micrograph in Fig. 10b reveals the plastic deformation that has 
occurred. The region closest to the fracture plane is relatively intense in nature, whilst the 
outermost regions clearly suggest that the deformation does occur in micro shear-bands, which 
appear to merge to form diffuse regions. 
 
The size of the plastic zone can be measured from these micrographs, and compared to 
theoretical predictions. The Irwin model states that the radius of the plastic zone, ry, can be 
calculated using [61]: 
 ry =  1kπ EGCσy2  (7) 
 
where E is the Young’s modulus, GC is the fracture energy, ν is the Poisson’s ratio and σy is the 
tensile yield stress of the polymer. The constant, k, has a value of k = 6(1-ν2) for plane strain 
conditions, and k = 2 for plane stress. Substitution of the parameters for the epoxy, see Table 4, 
with 11 wt.% of silica nanoparticles gives a predicted value of ry in plane strain of 4.8 μm, and a 
plane stress value of ry = 14.4 μm. Experimentally, it was not possible to measure the plane-strain 
value as the plastic zone was too small, as noted below. However, the value of ry measured in 
plane stress from the micrographs in Fig. 10 was 15 ±2 μm. This shows excellent agreement 
between the predicted and the experimental values. Similar very good agreement has been 
observed by Liang and Pearson in their recent work [18].  
12 
 
4.3 The Plastic Void-Growth Mechanism 
The toughening mechanisms associated with rigid, e.g. silica, micrometre-sized particles have 
frequently been shown to be due to debonding of the particle followed by plastic void growth and 
shear yielding, e.g. [62-63]. Indeed, Kinloch and Taylor [6] have also demonstrated that the voids 
around such particles closed-up when the epoxy polymer was heated above its glass-transition 
temperature, Tg, and allowed to relax. The debonding process is generally considered to absorb 
little energy compared to the plastic deformation of the epoxy polymer [64-65]. However, 
debonding is essential because this reduces the constraint at the crack tip, and hence allows the 
epoxy polymer to deform plastically via a void-growth mechanism. 
 
High-resolution scanning electron microscopy (FEG-SEM) of a fracture surface of the epoxy 
polymer containing 15 wt.% of silica nanoparticles, see Fig. 6, showed the presence of voids 
around many of the silica nanoparticles. This shows that plastic void-growth of the epoxy polymer, 
initiated by debonding of the silica nanoparticles, has occurred. The diameter of these voids is 
typically 30 nm. The voids were also observed in the fracture surfaces of samples with different 
concentrations of silica nanoparticles. Although the samples are coated to prevent charging in the 
electron microscope, the voids are not an artefact of the coating as they could not be observed on 
a coated fracture surface of the unmodified epoxy polymer [24]. Also the silica nanoparticle-
modified epoxy samples appeared similar whether they were coated with platinum or gold. In 
addition, similar voids have been observed using AFM [24]. However, as may be clearly seen from 
Fig. 6, not all of the silica nanoparticles have debonded. This may arise (a) from the purely 
statistical aspect of the fracture process, or (b) from the fact that once a silica nanoparticle, or 
group of such particles, have debonded and the epoxy polymer started to undergo plastic void 
growth then the triaxial stress which drives such a mechanism is relieved in the adjacent region. 
The percentage of the silica nanoparticles which undergo such debonding (and subsequent void 
growth around them) has been counted, independently, by several of the present authors from 
micrographs such as that shown in Fig. 6. The estimated percentage of such silica nanoparticles is 
15 ± 5% and, within the experimental scatter, this value is independent of the volume fraction of 
silica nanoparticles in the epoxy polymer. 
 
 
5. Modelling Studies 
5.1 Introduction 
The experimental studies described in Section 4 above, and previous work [24-25], have led to the 
identification of two main toughening mechanisms associated with the increases in the value of the 
fracture energy, GC, when well-dispersed silica nanoparticles are present in the epoxy polymer. 
These mechanisms are (a) the generation of localised plastic shear-bands initiated by stress 
concentrations around the relatively high-modulus silica nanoparticles, and (b) the debonding of 
the silica nanoparticles from the epoxy polymer which then enables plastic void growth of the 
epoxy to occur. Now, these two toughening mechanisms are virtually identical to those which have 
been established [10,11,50] for epoxy polymers toughened via the inclusion of rubber 
microparticles, which are typically about one to five micrometres in diameter. The one notable 
difference being that, prior to plastic void growth by the epoxy polymer, the silica nanoparticles 
debond at the silica/epoxy interface, whilst the rubber particles undergo internal cavitation, to 
produce the initial voids in the polymer [10, 52]. Thus, clearly, previous modelling studies by Huang 
and Kinloch [66-67] for rubber-particle toughened epoxy polymers are very relevant to the present 
studies on the silica nanoparticle modified-epoxy polymers. Hence, the following sections discuss 
the development of the Huang and Kinloch model for the present multiphase materials, followed by 
a comparison of the theoretical predictions to the experimental results. 
 
5.2 The Basic Approach 
For the mechanisms of interest, Huang and Kinloch [67] proposed that the fracture energy, GC, 
may be expressed by: 
 
 GC = GCU + Ψ (8) 
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where GCU represents the fracture energy of the unmodified epoxy polymer and Ψ represents the 
overall toughening contributions activated by the presence of the particulate phase. Obviously Ψ 
contains the contributions from the two different toughening mechanisms and can be separated 
into two terms: 
 
 Ψ =  ΔGs + ΔGv  (9) 
 
where ΔGS and ΔGV represent the contributions to the overall increase in the fracture energy, GC, 
from the localised plastic shear-banding and plastic void-growth mechanisms, respectively. 
 
5.3 The Contribution from the Shear-Banding Mechanism 
5.3.1  Introduction 
The energy contribution, ΔGS, from the localised plastic shear-banding initiated by the presence of 
the particles is related to the size of the plastic zone and was calculated by Huang and Kinloch [67] 
from the following equation:  
 
 ΔGs = 2∫ Us(r)drryO   (10) 
 
where ry is the radius the plastic zone ahead of the crack tip and Us(r) is the dissipated strain-
energy density for the shear-yielding mechanism. 
 
However, it has been suggested that the lower limit of integration in Eqn. 10 should not be zero. 
Instead, Evans et al [68] proposed that the lower limit of integration should be the minimum 
distance from the crack plane at which the epoxy polymer between the particles experiences 
plastic shear-yielding. This distance was suggested to be of the order of the particle radius, since a 
crack typically passes around one pole of the particle, leaving the plastically-deformed polymer at 
the opposite pole. Thus, Equation 10 now becomes: 
 
 ΔGs = 2∫ Us(r)drryrp   (11) 
 
where rp is the radius of the particle. According to the work of Dekkers and Heikens [69-70], shear 
bands will initiate from all of the particles.  
 
5.3.2. Modelling the ΔGS Contribution 
With the lower integration limits of rp, instead of zero, the expression for the term ΔGS is as before: 
 
 ΔGs = 0.5VfσycγfF′�ry�  (12) 
 
where Vf is the volume fraction of particles, σyc and γf are the plane-strain compressive yield stress 
and strain to fracture for the unmodified epoxy polymer, respectively. However, the term F/(ry)  is 
now somewhat modified from that given in the original formulation of the model in [67] to now be: 
 F′�ry� = ry �(4π 3Vf⁄ )1 3⁄ �1 − rp ry⁄ �3 − 40 35�rp ry − 1⁄ �3 2⁄ �rp ry⁄ ��7 5 − rp ry⁄⁄ � − 2�1 − rp ry⁄ �2 + 16 35⁄⁄ � 
     
   (13) 
and where [67]: 
 
 ry =  Kvm2 �1 + μm 31 2⁄⁄ �2ryu  (14) 
 
where Kvm is the maximum stress concentration for the von Mises stresses around a rigid particle, 
µm is a material constant which allows for the pressure-dependency of the yield stress [71] and ryu 
is the plastic zone size at fracture for the unmodified epoxy polymer. The value of Kvm is dependent 
on the volume fraction of particles, and was calculated by fitting to the data of Guild and Young 
[72,73]. Its value varies from approximately 1.60 to 1.73 over the range of volume fractions used in 
the present work.  
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The value of ryu may be readily calculated from [74]: 
 
  ryu =  16π EGC(1−υ2)σy2  (15) 
 
where E, ν and σy are the modulus, Poisson’s ratio and tensile yield stress of the unmodified epoxy 
polymer, respectively. As will be shown below, all the parameters in Eqns. 12 to 15 may be 
measured or directly calculated. Thus, the contribution ΔGS may be readily ascertained. 
 
5.4 Modelling the ΔGV Contribution 
The modelling studies of Huang and Kinloch give the contribution ΔGV to the toughness from the 
plastic void growth mechanism as: 
 
 ∆Gv = (1 − μm2 /3)�Vfv − Vfp�σycryuKvm2   (16) 
 
where Vfv and Vfp are the volume fraction of voids and the volume fraction of particles which 
debond, respectively. The terms Vfv and Vfp may be directly measured from the appropriate 
electron micrographs, and the value of ryu may be calculated from Eqn. 15.  
 
5.5 Application of the Model 
The value of Ψ may now be evaluated from Eqns. 12 and 16 to give, via Eqn. 9: 
 
 Ψ = 0.5VfσycγfF′�ry�  + (1 − μm2 /3)�Vfv − Vfp�σycryuKvm2  (17) 
 
where the term F/(ry) is defined in Eqns. 13 and 14, the term ryu is defined in Eqn. 15, and where 
Kvm is the maximum stress concentration for the von Mises stresses around a void. The value of 
Kvm has been calculated by Huang and Kinloch [66,67] and varies with volume fraction in the range 
2.11 to 2.12 for the volume fractions considered in the present work. The model may now be 
applied to the epoxy polymers containing the silica nanoparticles. The various parameters needed 
for the model are shown in Table 4. 
 
From the values of the parameters given in Table 4 and the above equations the contributions ΔGS 
and ΔGV to the localised plastic shear-banding and plastic void-growth mechanisms in the silica 
nanoparticle epoxy may be calculated. Hence, the value of the fracture energy, GC, of the epoxy 
polymers may be predicted. The predicted values are compared to the experimentally measured 
values in Table 5 and, as may be observed, there is very good agreement between the measured 
values and those predicted from the equations developed above from the earlier Huang and 
Kinloch model [67]. Indeed, this good agreement is especially noteworthy when the lack of any 
adjustable fitting terms in the above equations is considered. 
 
It is also noteworthy that the void size measured from the high-resolution electron micrographs can 
be compared to values calculated from considering the maximum hoop strain around the particles. 
If the fracture strain measured from the plane-strain compression tests, i.e. a true strain of 0.65, is 
equated with the maximum hoop strain around the void, then a final void diameter of 33 nm is 
predicted. This compares very well with the mean diameter of 30 nm which was measured from the 
micrographs.  
 
5.6 Comparison of Nano- and Micrometre-Sized Silica Particles 
Now there is an extensive literature e.g. [63, 75] concerning the effect on the fracture energy, GC, 
of epoxy polymers arising from the addition of spherical silica (i.e. glass) particles of the order of a 
few to tens of micrometres in diameter. From these previous studies, the research by Spanoudakis 
and Young [2] employed an unmodified epoxy polymer with a very similar fracture energy to that of 
the unmodified epoxy polymer employed in the present studies. Therefore, a comparison of the 
results from these authors and the present results for the silica nanoparticle-modified material, at a 
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volume fraction of silica of approximately 0.11, is given in Table 6. There is clearly a progressive 
increase in the toughness, GC, as the radius, rp, of the silica particle is steadily reduced.  
 
Further, the model developed above, and stated in Eqns. 15 and 17, has been employed to predict 
the toughness ratio (i.e. GC(silica epoxy)/GC(epoxy)) for all the silica-particle modified epoxy 
polymers. Since the exact values of the various input parameters needed for the modelling studies 
of the micrometre-sized silica particles are not known, the values given in Table 4 have been 
employed. (It is recognised that this is an approximation and that the predicted values of GC for 
these modified epoxy polymers may therefore only be considered approximate in value. However, 
the value of Vfp was taken to be equivalent to Vf for the micrometre-sized glass particles, as 
suggested from the original papers.) Notwithstanding, the predicted values of the toughness ratios 
not only show a similar trend to the measured ratios but also are in very reasonable quantitative 
agreement, as may be seen from Table 6. Again, it should be emphasised that there are no fitting 
terms in the equations employed in the present modelling studies. 
 
It should be noted that the model developed here does not include any contribution to the 
toughness of the silica-particle modified epoxy-polymer from the effect of crack deflection, which 
may occur when the particle diameter is much larger than the size of the plastic zone as discussed 
by Green et al [76] and Faber and Evans [77]. For the nanoparticles used in the present work this 
is not the case, as argued by Johnsen et al [24]. However, crack deflection may apply for the 
microparticles used by Spanoudakis and Young [2], but such a contribution will be relatively low.  
 
5.7 Synergy in the ‘Hybrid’ Epoxy Polymers 
The ‘hybrid’ epoxy polymers contain both silica nanoparticles and rubber microparticles, as shown 
earlier in Fig. 5. Further, the values of the fracture energy, GC, for these ‘hybrid’ polymers were 
given earlier in Table 1. From these values it is clearly evident that the presence of both types of 
particles gives rise to a synergetic effect with respect to the value of GC for these materials. For 
example, for the ‘hybrid’ epoxy polymer containing 2.3 wt.% of silica nanoparticles and 9 wt.% of 
rubber, the measured fracture energy, GC, is 720 J/m2, whilst if the effect of each type of particle 
was merely additive then this would give an expected GC value of 695 J/m2. Similarly, using 10 
wt.% of silica nanoparticles and 9 wt.% of rubber to form the ‘hybrid’ epoxy polymer, the measured 
GC value is 906 J/m2, whilst the individual contributions from both these types of tougheners would 
be simply summed to give 775 J/m2. Finally, for the 15 wt.% of silica nanoparticles and 9 wt.% of 
rubber, the measured GC value is 965 J/m2, whilst a solely additive effect would be expected to 
give a value of 790 J/m2.  
 
Obviously, a question that the above observations raise is why the two types of particles, i.e. silica 
nanoparticles and rubber microparticles interact to give this synergetic increase in the measured 
toughness. The most likely explanation is that interactions may occur between such particles of 
very different moduli, Poisson’s ratio and size in the stress field immediately ahead of a crack to 
give an enhanced degree of plastic deformation. Indeed, it has been previously established that 
such stress-field interactions may enhance the extent of the plastic zone and the intensity of the 
plastic-deformation mechanisms [33, 59, 78-79]. 
 
 
6. Conclusions 
The structure/property relationship of an anhydride-cured epoxy modified with silica nanoparticles 
and/or rubber microparticles has been investigated. Microscopy showed that the silica 
nanoparticles were well-dispersed in the epoxy. However, in the ‘hybrid’ epoxy-polymer, which 
contained both silica nanoparticles and rubber microparticles, some agglomeration of the silica 
nanoparticles was observed.  
 
The fracture energy, GC, of the bulk epoxy was increased from 77 to 212 J/m2 by the addition of 20 
wt.% silica nanoparticles. The observed toughening mechanisms were debonding of the epoxy 
polymer from the silica nanoparticles, followed by plastic void growth of the epoxy. Localised 
plastic shear-banding in the polymer was also observed. The largest increases in toughness were 
16 
from the formation of the ‘hybrid’ epoxy polymers, which contained both silica nanoparticles and 
rubber microparticles, and here a maximum fracture energy of 965 J/m2 was measured.  
 
The increases in the toughness of the bulk epoxy polymers were transferred to the fibre 
composites; and the interlaminar fracture energy, GC(composite), of the fibre-composites was 
typically even further enhanced by fibre bridging, fibre debonding and fibre pullout mechanisms 
coming into play for the composite materials.  
 
An existing model has been extended to predict the toughening effect of silica nanoparticles in a 
thermoset polymer to include the effects of shear banding, as well as plastic void growth of the 
epoxy polymer. There was excellent agreement between the predictions and the experimental data 
for the epoxy polymer containing silica nanoparticles. This model has also been used to predict the 
toughness of an epoxy containing micrometre-sized glass particles, and again good agreement 
was observed compared to the experimental data. Finally, both the theoretical and experimental 
studies clearly reveal the benefits of using silica nanoparticles, as opposed to much larger 
micrometre-sized silica particles, in terms of observing a relatively high toughness for the modified 
epoxy polymer. 
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Tables 
 
Table 1. Glass transition temperature, Young’s modulus, fracture toughness and 
fracture energy of the epoxy polymer formulations.  
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Note: Typical coefficients of variation for the fracture data are ±10% for the xN 
formulations, and ±15% for the ‘hybrid’ (xNyR) formulations.  
 
 
 
Table 2. Fracture energies of the carbon-fibre (CFRP) composites. 
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Table 3. Fracture energies of the unidirectional (UD) and quasi-isotropic (QI) glass-
fibre (GFRP) composites. 
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Table 4. The parameters, and their values, used in the modelling studies. 
 
Nam
e 
S
ymbol nit alue  
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silica 
nanoparticles 
r
p m 0  
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me fraction 
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void 
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debonded 
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23 
Tensi
le modulus E Pa .96  
Poiss
on’s ratio ν  .35  
Plan
e-strain 
compressive 
yield stress 
σ
yc Pa 38 
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 .2  
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G
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Note: All mechanical properties are for the unmodified (i.e. control) epoxy 
polymer. 
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Table 5. Comparison of the measured and predicted values of the fracture energy, 
GC, as a function of the volume fraction, Vf, of silica nanoparticles in the epoxy polymer. 
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Table 6.  Comparison of the relative fracture energy of epoxy polymers containing a 
volume fraction, Vf, of approximately 0.11 as a function of the radius, rp, of the silica 
particles. 
 
R
adius, 
rp, of 
silica 
particle 
(µm) 
 
GC(silica epoxy) / GC(epoxy) 
M
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3 
P
redicted 
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0
.010 
2.
5 
2
.4 
8 2.0 
1
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1
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1.
6 
1
.4 
2
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1.
1 
1
.4 
 
Notes: 
1. GC values for rp = 10 nm from Table 1. 
2. GC values for rp = 8, 16 and 23 µm from Spanoudakis and Young [2]. 
3. GC of the epoxy polymer used in [2] was 80 J/m2. 
4. Predicted values for all values of rp from Equations 7 and 15.  
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List of Figure Captions 
 
Figure 1. AFM images of the microstructure of epoxy polymers: (a) unmodified, (b) 
with 11 wt.% silica nanoparticles, (c) with 9 wt.% CTBN, (d) with 10 wt.% silica nanoparticles 
and 9 wt.% CTBN, (e) with 15 wt.% silica nanoparticles and 9 wt% CTBN, and (f) with 20 
wt.% silica nanoparticles  and 9 wt.% CTBN. 
 
Figure 2. Dynamic mechanical analysis data for a ‘hybrid’ epoxy polymer  
containing: 10 wt.% silica nanoparticles and 9 wt.% CTBN. 
 
Figure 3. Transmission electron micrographs of ‘hybrid’ epoxy polymers containing: 
(a) 2.3 wt.% silica nanoparticles and 9 wt.% CTBN, and (b) 15 wt.% silica nanoparticles and 9 
wt.% CTBN. 
 
Figure 4. Relative modulus versus content of silica nanoparticles, for the silica 
nanoparticle modified epoxy polymers and the ‘hybrid’ (i.e. with CTBN rubber also present) 
epoxy polymers. Points are experimental data, lines are theoretical predictions.  
 
Figure 5. Scanning electron micrographs of fracture surfaces of epoxy polymers: (a) 
unmodified, (b) with 15 wt.% silica nanoparticles, (c) with 9 wt.% CTBN, and (d) with 4.5 
wt.% silica nanoparticles and 9 wt.% CTBN. (Crack propagation is from bottom to top.) 
 
Figure 6. High-resolution scanning electron micrograph of fracture surface of an 
epoxy polymer containing 15 wt.% silica nanoparticles. (Some voids around silica 
nanoparticles are circled.) 
 
Figure 7. Scanning electron micrographs of fracture surfaces of CFRP composites 
employing an epoxy matrix: (a) unmodified, (b) with 12 wt.% silica nanoparticles, (c) with 9 
wt.% CTBN, and (d) with 10 wt.% silica nanoparticles and 9 wt.% CTBN. (Crack propagation 
is from left to right.)  
 
Figure 8. Scanning electron micrographs of fracture surfaces of quasi-isotropic (QI) 
GFRP composite employing an epoxy matrix: (a) unmodified, (b) with 10 wt.% silica 
nanoparticles, (c) with 9 wt.% CTBN, and (d) with 10 wt.% silica nanoparticles and 9 wt.% 
CTBN.  
 
27 
Figure 9. Interlaminar fracture energy, GC(composite), for the composite versus the 
corresponding bulk fracture energy, GC, for the epoxy polymer. (The 1:1 line is shown to 
merely aid visual interpretation of the data.) 
Black-filled symbols are for CFRP; unfilled symbols are for unidirectional (UD) GFRP; 
and grey-filled symbols are for quasi-isotropic (QI) GFRP. 
Unmodified epoxy polymer (i.e. control): ●; with silica nanoparticles: ■; with CTBN: 
▲; ‘hybrid’: ♦. 
 
Figure 10. Transmission optical-micrographs of an epoxy polymer with 11 wt.% 
silica nanoparticles, showing the plane-stress region taken using (a) normal light, and (b) 
between crossed polarisers. (Crack propagation is from left to right.) 
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Figure 1. AFM images of the microstructure of epoxy polymers: (a) unmodified, (b) 
with 11 wt.% silica nanoparticles, (c) with 9 wt.% CTBN, (d) with 10 wt.% silica nanoparticles 
and 9 wt.% CTBN, (e) with 15 wt.% silica nanoparticles and 9 wt.% CTBN, and (f) with 20 
wt.% silica nanoparticles  and 9 wt.% CTBN. 
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Figure 2. Dynamic mechanical analysis data for a ‘hybrid’ epoxy polymer  containing 
10 wt.% silica nanoparticles and 9 wt.% CTBN. 
 
 
 
8
8.5
9
9.5
10
10.5
11
-75 -50 -25 0 25 50 75 100 125 150 175
Temperature (oC)
lo
g 
G
' (
Pa
)
0
0.1
0.2
0.3
0.4
0.5
0.6
0.7
0.8
log G'
tan delta T
an
 D
el
ta
31 
 
(a)           (b) 
 
Figure 3. Transmission electron micrographs of ‘hybrid’ epoxy polymers containing: 
(a) 2.3 wt.% silica nanoparticles and 9 wt.% CTBN, and (b) 15 wt.% silica nanoparticles and 9 
wt.% CTBN. 
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Figure 4. Relative modulus versus content of silica nanoparticles, for the silica 
nanoparticle modified epoxy polymers and the ‘hybrid’ (i.e. with CTBN rubber also present) 
epoxy polymers. Points are experimental data, lines are theoretical predictions.  
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(a)           (b) 
 
34 
(c)           (d) 
 
Figure 5. Scanning electron micrographs of fracture surfaces of epoxy polymers: (a) 
unmodified, (b) with 15 wt.% silica nanoparticles, (c) with 9 wt.% CTBN, and (d) with 4.5 
wt.% silica nanoparticles and 9 wt.% CTBN. (Crack propagation is from bottom to top.) 
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Figure 6. High-resolution scanning electron micrograph of fracture surface of epoxy 
polymer containing 15 wt.% silica nanoparticles. (Some voids around silica nanoparticles 
are circled.) 
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(c)        (d) 
 
Figure 7. Scanning electron micrographs of fracture surfaces of CFRP composites 
employing an epoxy matrix: (a) unmodified, (b) with 12 wt.% silica nanoparticles, (c) with 9 
wt.% CTBN, and (d) with 10 wt.% silica nanoparticles and 9 wt.% CTBN. (Crack propagation 
is from left to right.)  
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(c)        (d) 
 
Figure 8. Scanning electron micrographs of fracture surfaces of quasi-isotropic (QI) 
GFRP composite employing an epoxy matrix: (a) unmodified, (b) with 10 wt.% silica 
nanoparticles, (c) with 9 wt.% CTBN, and (d) with 10 wt.% silica nanoparticles and 9 wt.% 
CTBN.  
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Figure 9. Interlaminar fracture energy, GC(composite), for the composite versus the 
corresponding bulk fracture energy, GC, for the epoxy polymer. (The 1:1 line is shown to 
merely aid visual interpretation of the data shown.) 
Black-filled symbols are for CFRP; unfilled symbols are for unidirectional (UD) GFRP; 
and grey-filled symbols are for quasi-isotropic (QI) GFRP. 
Unmodified epoxy polymer (i.e. control): ●; with silica nanoparticles: ■; with CTBN: 
▲; ‘hybrid’: ♦.  
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Figure 10. Transmission optical-micrographs of an epoxy polymer with 11 wt.% 
silica nanoparticles, showing the plane-stress region taken using (a) normal light, and (b) 
between crossed polarisers. (Crack propagation is from left to right.) 
 
 
  
 
 
 
